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Abstract: The plastic deformation process of semicrystalline polymers and the micromechanisms in-
volved are discussed. The particular attention is paid to the dependence of deformation on structure
and mutual influence of deformation of crystalline and amorphous components. Deformation of a semi-
crystalline polymer appears a complex series of continuous processes, involving mostly crystallographic
deformation mechanisms operating in the crystalline phase. However, a very important role in that
sequence is played by the deformation of amorphous interlamellar layers, partially reversible on un-
loading, which produces not only the high orientation of amorphous component but also influences
deeply and supports the deformation of crystalline phase since crystalline lamellae and amorphous
interlamellar layers, intimately connected through covalent bonds of chains crossing the interface, can
deform only simultaneously and consistently. In particular, an influence of the topology of the amor-
phous phase, including the density of the molecular network of entangled chains and number of chains
connecting adjacent crystalline and amorphous layers, on deformation instabilities of crystalline com-
ponent in polyethylene are discussed. The induced instabilities of crystallographic slip lead to forma-
tion of lamellar kinks and frequently to an extensive fragmentation of lamellae. These transformations
of crystalline structure together with restructurization of amorphous phase at high strains influence
deeply the formation of the final highly oriented structure of the deformed semicrystalline polymer.

Keywords: deformation, semicrystalline polymer, polyethylene, deformation mechanism.

Deformacja polimerow semikrystalicznych — wklad fazy krystalicznej
i amorficznej

Streszczenie: Rozwazano przebieg procesu odksztalcenia plastycznego polimeréw semikrystalicznych
i zaangazowane w nim mikromechanizmy, zwracajac szczegdlng uwage na zaleznos¢ deformacji od
struktury materialu oraz na wzajemny wplyw odksztalcenia fazy amorficznej i krystalicznej. Defor-
macja polimeru semikrystalicznego obejmuje szereg ciggtych proceséw, w ktérych zaangazowane sa
glownie krystalograficzne mechanizmy deformacji, aktywne w fazie krystalicznej. Bardzo wazna role
w procesie odgrywa tez czesciowo odwracalne odksztalcenie amorficznych warstw miedzylamelar-
nych, ktore nie tylko prowadzi do wysokiego stopnia orientacji molekularnej w fazie amorficznej, ale

b Centre of Molecular and Macromolecular Studies, Polish Academy of Sciences, 90-363 L6dz, Poland, e-mail: bartczak@cbmm.
lodz.pl

* Material contained in this article was presented at the X International Conference “X-Ray investigations of polymer structure”,
Ustron, Poland, 6-9 December 2016.



788

POLIMERY 2017, 62, nr 11-12

wplywa réowniez na deformacje fazy krystalicznej. Lamele krystaliczne i amorficzne warstwy miedzy-
lamelarne, Scisle potaczone wzajemnie wigzaniami kowalencyjnymi w taricuchach przekraczajacych
granice miedzyfazowe, moga deformowac si¢ tylko jednoczesnie i spojnie. Omowiono takze wptyw
topologii fazy amorficznej, w tym gestosci sieci molekularnej splatanych tanicuchow i liczby tancuchow
laczacych sasiednie warstwy krystaliczne i amorficzne, na niestabilnosci deformacji fazy krystalicznej
w polietylenie. Pojawiajace sig¢ niestabilno$ci poslizgéw krystalograficznych prowadza do powstawania
zataman lamel, a czgsto nawet do ich rozlegtej i silnej fragmentacji. Takie transformacje struktury fazy
krystalicznej wraz z restrukturyzacja fazy amorficznej przy duzych odksztatceniach wptywaja istotnie
na konicowa, silnie zorientowana, strukture zdeformowanego polimeru semikrystalicznego.

Stowa kluczowe: deformacja, polimer semikrystaliczny, polietylen, mechanizm deformacji.

The ability of polymeric materials to undergo exten-
sive plastic deformation plays a very important role in
technology, especially in the selection and use as engi-
neering materials, as well as in production of the end-
-products by the cold-forming methods. Plasticity of poly-
mers, including semicrystalline ones, although studied
extensively over several past decades, is still one of the
most important scientific and technical problems because
of the very wide range of applications and continuously
growing interest on polymeric materials by the modern
technology [1].

The structure of the material under deformation plays
the crucial role in its plasticity. In contrast to conven-
tional low molecular materials, like metals or ceramics,
semicrystalline polymers demonstrate quite complicat-
ed, hierarchical morphology. It is well recognized that at
the basic microscopic level they consist of ribbon-like la-
mellar crystals which are separated each from the other
by amorphous layers and all they are held together by
chains crossing the crystal-amorphous interfaces, like
e.g., tie-molecules that connect two neighboring lamel-
lae and amorphous layer between them [2, 3]. It has been
found that chain folding is not perfectly regular and mo-
lecular packing in lamellae is characterized by a consid-
erable and irregularly distributed disorder depending
on undercooling that controls crystallization regimes [4].
Consequently, a quite significant number of chains leaves
crystal and enters adjacent amorphous layer, in the form
of tie-molecules, loose loops or loose chain ends that can
entangle with other chains within amorphous phase and
often enter the crystalline phase again (the same lamel-
la in the case of loose loops or the next one in the case
of tie-molecules). All these chains crossing the crystal-
-amorphous interface provide an intimate and very
strong covalent bonding of the crystalline lamella with
adjacent amorphous material. It is largely agreed that the
mechanical properties of semicrystalline polymers are
governed to a large extent by the presence of such mo-
lecular connections. If they did not exist, the crystallites
would be held together only by weak van der Waals or
hydrogen interactions, and would slip easily past one an-
other or split away from one another under stress, which
would result in macroscopic brittleness of the material, as
in the case of mats of monocrystals, where regular chain

folding does not allow for a significant connectivity of
neighboring crystals.

Crystalline lamellae, separated by amorphous layers,
commonly arranged in stacks, are usually organized in
higher-level structures. Melt crystallized polymers ex-
hibit commonly a spherulitic morphology — bundles of
ribbon-like lamellae are arranged radially in polycrystal-
line aggregates, called spherulites. The amorphous ma-
terial is incorporated evenly in layers between lamellae
in the amount corresponding to the overall crystallinity.
Amorphous phase fills also some occasional misfits be-
tween lamellae stacks of different shape and orientation.

Due to the multi-level, hierarchical structure of semi-
crystalline polymers, as e.g, this outlined above (crystal-
-amorphous assembly > stack of lamellae > spherulite),
their deformation appears generally also a complex and
multistage process, in which both the ordered (crystal-
line) phase and the associated disordered (amorphous)
phase are involved. Therefore, the course of the deforma-
tion process depends strongly on the structure and mor-
phology of the polymer. The deformation mechanisms
are quite complicated and can differ at the local scale
depending on the local morphology. Therefore, the de-
tailed knowledge of the structural parameters is essential
for the understanding of the deformation mechanisms
at the molecular level. These mechanisms can be addi-
tionally modified substantially with increasing strain by
proceeding deformation as the structure and orientation
change. A complete quantitative description of plastic be-
havior frequently requires different approaches at differ-
ent scale levels of their structure [1]. At the microscopic
level the basic micromechanisms of deformation of crys-
tals and amorphous phase are considered. The mesoscop-
ic level can include bending, rotations, translations, and
fragmentation or other structural rearrangements of la-
mellar stacks, formation of shear bands, deformation of
entire spherulites, efc. [1]. At macroscopic level formation
of big deformation bands or a macroscopic neck are fre-
quently observed and must be also taken into considera-
tion. The plasticity mechanisms are different in different
elements of the polymer structure and moreover depend
not only on their size and orientation with respect to the
direction of the acting force but also on mutual connec-
tions with adjacent elements of the other phase. Various



POLIMERY 2017, 62, nr 11-12

789

deformation micromechanisms in such elements can op-
erate together or compete with each other, affecting each
other’s response. Understanding the plasticity of such
complex systems is possible only within the physics and
mechanics of structurally non-uniform media, like com-
posites [1].

Due to deformation-induced evolution of structure and
morphology the deformation sequence consists of sev-
eral stages, involving various micromechanisms, many
of which being identified to be similar to those already
known in non-polymer materials, as e.g, generation of
dislocation and their glide along the planes of crystals
i.e., crystallographic slip. However, these processes are
not identical to the respective processes in non-polymer
structures. Many specific features of plasticity in poly-
mers strongly depend on their macromolecular nature.
One of the most important consequences of this nature
is that both crystalline and amorphous layers coexisting
in a semicrystalline polymer are intimately connected by
strong covalent bonds along numerous chains crossing
the interfaces. Because of that it is virtually impossible
to separate lamella from the adjacent amorphous layer.
In fact, cavities being usually precursors of the fracture
develop preferentially in the volume of amorphous layer
rather than at interfaces [5]. As a result of such strong
phase connectivity, lamellae and adjacent amorphous
layers can deform only simultaneously and consistently
to maintain continuity of the material. Any disobedience
from this results in initiation of fracturing phenomena
that lead soon to material failure. This condition induces,
in turn, some additional strong deformation constraints
in each phase. Therefore, the mutual influence of both
component’s deformation each on the other cannot be ne-
glected [6, 7]. At the basic structural level of crystalline
lamellae the identified crystallographic mechanism, like
crystallographic slip, mechanical twinning, or the stress-
-induced phase transformations (martensitic transforma-
tions), active in the crystalline phase, are supported by
interlamellar shear, lamella separation and stack rota-
tions, all operating in the amorphous phase. All these
mechanisms can be engaged in a complex deformation
sequence in which particular mechanisms are activated
and terminated at various strains.

Over the past several decades a vast number of re-
search papers has been devoted to the plastic deforma-
tion of semicrystalline polymers and a significant pro-
gress has been achieved in understanding the process
[1, 8-13]. Several models were formulated to describe the
full deformation path, as e.g, the Peterlin’s ‘microneck-
ing” model, [14, 15], the melting-recrystallization mod-
el [16, 17], and the crystallographic model [8-10, 18-21].
However, a clear and consistent description is still far
away, and clearly there is a need for further intensive re-
search on the phenomena of plastic deformation in the
semicrystalline polymers. The recent studies recalled
the very important role of the amorphous phase in the
deformation process and pointed out a deep interrela-

tionship of deformation occurring in the crystalline and
amorphous phase [6, 13, 22]. The role of the amorphous
component appears far more important in the deforma-
tion process, than assumed in existing models of plastic
deformation, especially at large strains. The hierarchical
structure leads to numerous constraints and mutual in-
teraction of deformation of crystalline and amorphous
elements that must be additionally taken into consid-
eration. All of these interactions are primarily a conse-
quence of the strong connectivity of adjacent crystalline
and amorphous layers forcing their cooperative deforma-
tion. It became clear that amorphous phase is not only
a compliant medium that merely transmits stresses to
crystals, as frequently assumed, but it is an active ele-
ment of the structure that tunes deformation behavior
of crystals and actually even is able to take control of the
polymer response at large strains [23].

Most of the research, especially in the initial period,
focused on uniaxial stretching. These studies resulted in
the 70’s in the formulation by A. Peterlin the so-called
‘micronecking’ deformation model [14, 15], which as-
sumed that the main mechanism of the polymer defor-
mation is the destruction of crystalline lamellae through
their unfolding and transformation into a densely packed
microfibrils in a virtually single “catastrophic” trans-
formation, which inevitably leads locally to the loss of
material continuity and consequently to the (micro)
cavitation. It became clear in the 90’s that the tensile de-
formation most frequently leads to structural transfor-
mations characteristic only for this particular deforma-
tion mode, including the cavitation occurring prior to the
yield point, which do not have general meaning in the
interpretation of the phenomenon of plastic deformation
and micromechanisms involved and can be considered
as a side-effect [1, 10]. Numerous studies (see e.g., reviews
[1, 10-12, 21]) led to a substantial revision of the notion
on the deformation mechanisms of semicrystalline poly-
mers: it was established that the deformation of the crys-
talline phase generally proceeds through a sequence of
structural micro-transformations, based mainly on crys-
tallographic mechanisms, analogous to those operating
in the deformation of low-molecular crystals. Any cata-
strophic transformation of the initial, lamellar structure
into microfibrillar, akin to this suggested by the Peterlin’s
‘micronecking” model, appeared specific only for those
deformation modes, which develop a significant tensile
stress that leads to the cavitation of the material, e.g,, for
uniaxial tension [24, 25]. Because of that the particular at-
tention will be paid in this report to the results obtained
in compression, either uniaxial or plane-strain, since
these deformation modes have several advantages over
tension. Deformation by compression is usually macro-
scopically homogeneous in the entire strain range, with
no instabilities like e.g.,, necking observed in tension. It
is also cavity-free as compressive stress prevents forma-
tion of cavities. Therefore, in contrast to tension, the ex-
periments performed in compression mode can provide
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a ‘clean’ information about the deformation process, not
obscured by any unwanted side-effects.

DEFORMATION OF POLYMER CRYSTALS

The plastic deformation of polymer crystals, like the
deformation of crystals of other materials, is generally
crystallographic in nature and usually proceeds without
destroying the crystalline order. The only exception to
this is a large tensile deformation, when cavitation and
voiding can lead to a complete molecular rearrangement
of the chain-folded lamellar morphology into a more or
less chain-unfolded microfibrillar microstructure. This
transformation is likely to occur through an intermedi-
ate state of some molecular disorder at a local scale. In
contrast, several structural features occurring at moder-
ate plastic strains are relevant to strictly crystallographic
processes. Similar structural transformations observed
also in cavity-free deformation modes at high strains ap-
peared process instabilities resulting from well advanced
action of crystallographic mechanisms.

Bowden and Young [8] considered in detail the classi-
cal crystallographic mechanisms of plasticity applied to
polymer crystals, and demonstrated that the approach
based on classical concepts of nucleation of dislocations
and their glide along the crystal lattice describes well the
deformation behavior observed in semicrystalline poly-
mers. A vast experimental data evidenced the deforma-
tion of polymer crystals proceeding according to the crys-
tallographic mechanisms, see e.g., the reviews [1, 10-12].
Polymer crystals can deform by crystallographic slip,
twinning or stress-induced (martensitic) transforma-
tion. Among these, the slip is the most important mecha-
nism since it can accommodate much larger plastic strain
than the other two mechanisms. Crystallographic slip in
polymer crystals demonstrates several features unique
to polymers and reflecting their macromolecular struc-
ture. The most important is the restriction imposed by the
chain structure for the choice of the slip plane. As crystal-
lographic process cannot lead to chain ruptures and lat-
tice symmetry remains intact, the dislocation glide is pos-
sible only along the planes that are parallel to the chain
axis. Furthermore, as polymer crystals exhibit usually
the folded structure these folds impose another limita-
tion; consequently the slip is preferred in planes contain-
ing chain folds. Moreover, the general rule is that a non-
deficient plastic deformation of a crystal of any orientation
requires operation of five independent slip systems [26].
However, the limitations mentioned above and general-
ly low symmetry of polymer crystals usually allow only
for at most three independent slip systems [1, 27]. This
implies that the strain cannot be fully accommodated by
polymer crystals. This shortfall of accessible slip systems
can result in violation of crystal integrity and nucleation
of microcracks. Consequently, polymer single crystals ap-
pear brittle. Fortunately, two additional glide systems that
are necessary for the complete strain accommodation can

be provided by amorphous layers, separating lamellar
crystals in semicrystalline polymers. Interlamellar shear
in the plane roughly perpendicular to the chain axis effec-
tively substitutes the lacking slip systems in polymer crys-
tals. Therefore, the full strain accommodation in plastic
deformation is possible only in semicrystalline polymers,
which in fact appear highly ductile.

More on plasticity of polymer crystals can be read in
numerous reviews, see e.g. [1, 10-12].

DEFORMATION OF AMORPHOUS PHASE AND
ITS ROLE IN THE PROCESS

The key structural parameter of the amorphous phase
is chain topology resulting from mutual entanglements of
macromolecules and their permanent chemical or physi-
cal crosslinks. Some chains are engaged only partially in
crystalline phase and pass through the interface entering
into amorphous layer. Entanglement knots have usually
a certain, though often limited mobility, while segments
immobilized at interfaces act as stable crosslinks. Chain
entanglements and crosslinks produce in amorphous lay-
ers macroscopically continuous, quasi-isotropic network
that tends to respond to strain similarly to a bulk amor-
phous material, and exhibits the rubber-like properties
with finite extensibility, limited by the length of the seg-
ments trapped between the network nodes, mainly the
length of the relatively short tie-molecules linking ad-
jacent crystals through the amorphous crystal layer in
between. Advancing strain results in stretching and ori-
entation of the network segments, which significantly in-
creases the local stress, particularly when approaching
the deformation limit [6, 23].

Due to large length and width of lamellae as well as
very strong phase connectivity the deformation of amor-
phous layer is significantly constrained by adjacent crys-
talline lamellae-interphase integrity condition enforces
their only cooperative deformation. Therefore, the topol-
ogy of the molecular network in amorphous layers influ-
ences deeply the deformation process of not only amor-
phous phase but also the crystalline phase, as well as the
post-deformation behavior (strain recovery).

Three main mechanisms of deformation of the amor-
phous material in semicrystalline polymers were recog-
nized: interlamellar slip (shear), interlamellar separation,
and lamellae stack rotation [8]. Interlamellar slip involves
glide of the lamellae parallel to each other with the amor-
phous layer undergoing simple shear. It is a relatively
easy mechanism for the material above glass transition
temperature (T) and was widely reported [1, 10-12]. The
interlamellar shear appears highly reversible due to rub-
ber-like behavior of the amorphous phase — it was estab-
lished that the recoverable part of the deformation can
be almost entirely attributed to the reversibility of the
interlamellar slip [28-33].

Interlamellar separation is induced by tensile stress
component perpendicular to the lamellae face. It leads
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to thickening of intercrystalline layers and increase of
the long period along the tensile direction. This mecha-
nism of deformation is rather difficult since a change in
the lamellae distance has to be accompanied by a trans-
verse contraction of the amorphous interlamellar layer,
which is, however, hindered by strong lateral constraints
imposed on this layer by adjacent crystalline lamellae,
so that the deformation must involve a change in volu-
me. However, it can be expected that amorphous phase,
similarly to other rubbers demonstrating high bulk mo-
duli and relative low shear moduli, is quite resistant to
volume changes. This is frequently a source of the cavi-
tation within amorphous layer between lamellar crystals
in response to tensile stress [1, 25]. The most likely me-
chanism, which facilitates cavitation-free processes and
reduction of the deformation resistance of the amorpho-
us layer, is the cooperative bending of lamellae (kinking)
between local bridges of tie-molecules [32, 34] — similar
to shown in Fig. 1. Such kinking, achieved through loca-
lized crystallographic slip [35], releases some constraints
that leads to reduction of material resistance and by re-
orientation of lamellae enables their further deformation
along a relatively easy path.

Fig. 1. TEM micrograph of ultra-thin section of polyethylene de-
formed in plane-strain compression to the true strain of &, = 0.8;
arrow indicates the direction of compression loading (LD) and di-
rection of flow is perpendicular to LD in the plane of section (repro-
duced from the reference [32] with permission of Elsevier© 2005)

In some places of the structure stacks of lamellae are
embedded in the amorphous matrix. Such stacks can
be easily rotated as a rigid body under the action of the
stress. The stack rotation is a secondary process as rota-
tions alone does not lead to any increase of the strain, al-
though it can help the strain accommodation when acting
simultaneously with other mechanisms.

Upon sample loading, right after completion of elastic
deformation, some plastic rearrangements of amorphous
phase on the microlevel become involved in the process
of further deformation. When deformation proceeds abo-
ve T, the rubbery amorphous interlamellar layers are the
most compliant parts of the material and are ready to de-
form by shear at quite low external stresses, earlier than
any crystallite. However, that easy path of the unconstra-
ined deformation exhausts quickly, as numerous chain

segments passing through the interface and connecting
both phases become stretched. This enforces further the
only cooperative response of both phases — the crystalli-
ne lamellae must start to deform along, according to the
their specific mechanisms. This constraints an indepen-
dent deformation of an amorphous material already at
low overall strains. The stresses transferred into the cry-
stalline phase increase with local strain and very soon re-
ach the level high enough to trigger the crystallographic
slip. From this point on the plastic deformation of cry-
stallites takes the control over the deformation kinetics
of the sample, while the amorphous layers merely fol-
low and adjust themselves to the deformation of crystal-
line component. The entire deformation process is redu-
ced then to simultaneous, combined deformation of both
components. Although the primary role of the amorpho-
us layers at this stage is to transfer stress to and between
the crystallites, their shear (interlamellar slip) supports
significantly the deformation of crystalline lamellae by
substituting the lacking crystallographic slip systems in
planes intersecting the direction of the chain in the cry-
stals, and hence allows the sample to accommodate the
strain fully (adjust to the new shape forced by deforma-
tion). The cooperative action of crystallographic slips in
crystals and interlamellar slip in amorphous layers leads
to the gradual development of the lamellar orientation
(crystalline texture) and molecular orientation in amor-
phous component.

Administering the deformation by crystalline phase
lasts as long as the continuously increasing stress in she-
ared amorphous phase remains below the stress related
to the deformation of crystallites. When, due to network
stretching, amorphous stress component exceeds the le-
vel of the crystalline component the deformation process
comes under the control of the deforming amorphous
phase. This transition coincides frequently with break-
down of crystallites — at certain point the deformation of
the amorphous phase accompanying deformation of cry-
stallites must exhaust and ‘lock’ due to a very high stretch
of the network, accompanied by an ultimate stretch of tie-
-molecules, which results in a very high deformation re-
sistance and substantial stress built-up (beginning at the
true strain above ¢, = 1-1.2 [19, 36]). These chains of the
network, which are immobilized at the interface when
entering the crystal, generate local stress concentrations
at lamella surface. While the lamellae are already signi-
ficantly thinned due to advanced crystallographic slip [8]
such stress concentrations on lamellae surfaces together
with possible slip instabilities due to uneven thickness of
lamella lead to localization of the slip, inducing abrupt
local thinning and consequently a heavy fragmentation
of lamellae into smaller blocks.

While, except for a small elastic component, the de-
formation of the crystalline phase is primarily the stable
and irreversible plastic deformation, the deformation of
the amorphous phase appears reversible to a large extent,
despite constraints imposed on its recovery by surroun-



792

POLIMERY 2017, 62, nr 11-12

ding irreversibly deformed crystallites. It was found that
the non-linear (time-dependent) strain recovery observed
after unloading of deformed polyethylene (PE) is asso-
ciated entirely with an earlier deformation of the amor-
phous phase [32], and depends on the amount of the
amorphous phase as well as properties of the molecular
network (entanglement density) within that phase. Both
the deformation of the amorphous phase and its recovery
are modified by the presence of tie-molecules and other
chains immobilized at interface that influence greatly the
deformation of the molecular network of the amorphous
phase. Recovery of amorphous layers leads to back-rota-
tion of adjacent crystals, therefore the preferred crystal-
line orientation produced upon loading is partially lost
after strain recovery.

DEPENDENCE OF MECHANICAL RESPONSE
ON THE STRUCTURE

The model calculations utilizing micromechanically
based self-consistent composite model were performed
by Lee et al. [6]. In this calculations a simulated sample
consisting of randomly oriented crystal lamella-amor-
phous layer assemblies was subjected to uniaxial com-
pression. Deformation of lamellar crystals by crystal-
lographic slip while of amorphous layers as a shear of
the molecular network of the rubber were assumed. The
contribution of the crystalline phase to the stress was fo-
und nearly constant in a broad range of strain, while the
stress component of the amorphous phase increased sub-
stantially with strain and became larger than crystalline
component for ¢, well above 1. This is illustrated in Fig. 2.
Such a behavior is explained in the following way: the
slip processes in polymer lamellae are controlled by the
nucleation of dislocations and these gliding dislocations
are necessarily pushed out of the thin crystal core into
the interface, i.e.,, are not trapped in the crystal [1]. Conse-
quently the strain hardening is not observed in polymer

10 amorphous;
e ','
% 5. crystalline 2
0 T T T
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Fig. 2. Normalized equivalent phase-volume-averaged stress as
a function of equivalent true strain, both calculated with self-
-consistent composite model for PE in uniaxial compression (ac-
cording to [6])

crystals [6, 7]. On the other hand, the molecular network
in the amorphous layers is stretched during their defor-
mation and chain segments become progressively orien-
ted in the direction of maximum extension. As a result
the stress needed for further deformation of the network
continuously increases and consequently the strain har-
dening is observed. In the range of higher strains this
network stress increases substantially over the stress re-
lated to the deformation of crystalline phase.

The obtained result demonstrated clearly that the me-
chanical response of the material is controlled by crystal-
line phase at low strains, where the compliant amorpho-
us layers are constrained by stiffer lamellae and comes
under the control of deforming amorphous phase at high
strains, where the stress generated within the molecular
network due to strong molecular orientation becomes si-
gnificantly higher than the stress related to crystallogra-
phic slips proceeding in crystalline layers. Experimental
studies of deformation behavior of a series of PE of vario-
us chain architecture (linear, branched, random copoly-
mers) and molecular mass fully confirmed these predic-
tions [23]. An exemplary set of the true stress-true strain
curves obtained in the plane-strain compression for the
series of linear PE with very different molecular mass is
present in Fig. 3. It was found that the initial part of the
curves, at low strain depends on crystallinity and cry-
stal thickness-modulus increases with overall crystallini-
ty while the yield stress is controlled by the thickness of
lamellae [23, 37]. On the other hand, in the strain harde-
ning range the clear dependence on molecular mass can
be observed. The molecular mass determines the state of
the molecular network and the effective network density
in the amorphous phase [23, 38]. Rubber-like elasticity of
the molecular network, manifesting by a strong increase
in stress upon the strain-hardening stage, is determined
by the density of network created by entangling chains
(showing a limited mobility at temperature above T)) and
chain fragments immobilized at interphase boundaries
[solid network nodes, permanent below melting tempera-
ture (T )]. The model calculations [23] demonstrated that
this density depends on the molecular weight of the poly-
mer, chain architecture (including number of branches),
the kinetics of crystallization, and the resulting crystalli-
nity of the material: the higher the molecular weight and/
or crystallization rate, the denser the molecular network
in amorphous layers. These features differ substantially
amorphous phase in a semicrystalline polymer from ful-
ly amorphous polymers, wherein the density of the net-
work, created only by entanglements, is determined by
flexibility of chains, while practically does not depend on
the molecular mass or thermal history of the material. In
addition, a part of the amorphous phase in the layer, adja-
cent the surface of the folded lamellar crystals, especially
in polymers with semi-flexible or defected chains, have
a lower mobility and a higher rigidity than the amorpho-
us phase in the volume of the layer — this is so-called rigid
amorphous phase (RAP) — presence of which results in
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Fig. 3. Experimental true stress-true strain curves of a series of
linear PE of various molecular mass deformed by plane-strain
compression (according to [23])

different mechanical characteristics of such a ‘sandwich’
layer than a layer containing only mobile amorphous
phase or an amorphous polymer in bulk.

THE STROBL'S DEFORMATION SCHEME

Strobl and coworkers [29-31, 39-45] focused on the aspects
of the deformation of semicrystalline polymers related to the
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Fig. 4. The true stress-true strain curves tensile of high-den-
sity polyethylene (HD-PE), low-density polyethylene (LD-PE)
and ethylene-vinylacetate copolymer (PEVA) with four critical
points marked (description in the text); insets show 2D-SAXS
patterns obtained for HD-PE near point C (lamella kinking) and
D (fragmentation and restructurization) (the stress-strain curves
taken from [29])

macromolecular network in the amorphous phase. They stu-
died in detail the tensile deformation and recovery behavior
of several semicrystalline polymers and found a rather sim-
ple deformation scheme, followed by all polymers studied.
As it is shown in Fig. 4, along the true stress-true strain cu-
rves the differential compliance, recovery behavior as well
as the crystalline texture change simultaneously at well-de-
fined points. Four characteristic transition points were iden-
tified and ascribed to activation of various deformation me-
chanisms [29]. The critical strains at which these transitions
take place were found nearly invariant over various strain
rates and drawing temperatures [30, 39] as well as chain ar-
chitecture or crystallinity of a polymer [29, 39, 41]. Bartczak
and coworkers confirmed validity of this scheme also for
compression [23, 32, 33, 36, 38, 46—49].

The four points of main transitions of the Strobl’s sche-
me can be summarized as follows [11] (see Fig. 4):

— A corresponds to the end of the elastic proportiona-
lity range; the onset of isolated inter- and intralamellar
slip processes (¢, = 0.02);

— B shows a merge of local slip events into a widespre-
ad, collective activity of crystallographic slips and interla-
mellar shear, macroscopic yield point is reached (¢, = 0.1);

— C presents exhaustion and a temporary lock of the
shear of amorphous layers due to a stretch of tie-molecu-
les, which causes generation of some stress concentration
in lamellae, resulting in the slip localization and lamellae
cooperative bending and kinking (cf. Fig. 1), often asso-
ciated with limited lamella fragmentation; this releases
partially the constraints imposed on amorphous phase
and reduces its deformation resistance allowing defor-
mation to continue along an easy deformation path at re-
latively low stress (¢, = 0.6);

— D illustrates the second lock of the shear of amorphous
layers due to nearly full stretch of the molecular network;
corresponding stress increase leads to massive fragmen-
tation of lamellar crystals into small blocks due to severe
slip localization (slip instability) in lamellae already thin-
ned substantially by advanced fine slip; this fragmentation
again releases constraints, which in turn allows rotations
and restructurization of highly sheared crystal blocks, re-
sulting in appearance of a new long period in the direc-
tion of extension (formation of the final fibrillar structu-
re). Strong orientation hardening of the amorphous phase
brings also an onset of chain disentanglements, leading to
partial destruction of the molecular network (¢, = 0.9-1.2).

That universal deformation scheme, outlined above, re-
lies on deformation micromechanisms which are predo-
minantly of crystallographic nature. Plastic deformation
starts at the yield point with widespread crystal slip pro-
cesses, supported by interlamellar slip in the amorphous
component. Occasionally, twinning modes and marten-
sitic transformations are engaged, [19, 27, 50]. Also other
phenomena, occurring at larger strains are closely related
to the crystallographic mechanisms, e.g., fragmentation
of lamellae results from a heavy localization of the slip
process, i.e., its change from fine (homogeneous) to coar-
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Fig. 5. The X-ray pole figures of the crystallographic planes indicated determined for HD-PE (M, =170 000) deformed by the plane-

-strain compression to €, ~ 1.8 at: a) 80 °C, b) room temperature

se mode, although these processes are influenced by the
topology of the amorphous component (effective network
density, number of chains crossing crystal-amorphous
interfaces and connecting neighboring crystals). The di-
scussed scheme shows quite clearly the deep mutual in-
fluence and cooperative deformation of both crystalline
and amorphous components at virtually every stage of
deformation process. This cooperation is the primary so-
urce of exceptional ductility of semicrystalline polymers.

ORIENTATION OF CRYSTALLINE
AND AMORPHOUS PHASE

Advancing deformation of crystalline phase primarily
by crystallographic slip systems results in a progressive
rotation of the direction of the chain axis in crystals [8].
This eventually brings the high orientation of the crystal-
line phase with the chain direction approaching the di-
rection of the maximum extension (direction of tension in
tensile mode or the flow direction that is perpendicular
to the loading direction in compression modes). It results
in formation of a fiber-like crystalline texture for unia-
xial tension or compression. In the case of plane-strain
compression that introduces more constrains than unia-
xial deformation the primary texture produced is the sin-
gle-component texture, sometimes called a ‘quasi-single
crystal’ texture [8, 51]. Such a single-component textu-
re is illustrated by pole figures of HD-PE compressed in
the plane-strain conditions, presented in Fig. 5. Frequ-
ently, especially at lower deformation temperatures and/
or high deformation rates, this single-component texture
transforms partially by twinning upon sample unloading
into two-component texture, shown in Fig. 5. Twinning
is activated by the tensile back-stress acting along the lo-
ading direction, generated by the amorphous phase re-
covering on unloading. Such a transformation is another
example of the transition of crystalline component that
is induced and entirely controlled by amorphous phase.

Along with formation of the crystalline texture the fi-
nal lamellar structure is formed in the highly deformed

samples. The 2D-SAXS patterns taken along the constrain
direction and loading direction, respectively, for a series
of highly deformed linear PE of various molecular weight
are shown in Fig. 6. The presented patterns illustrate the
lamellar structure and its orientation in these samples,
which generally consists of short lamellae fragments ori-
ented in a chevron-like pattern [36], as shown schemati-
cally in the cartoon on the right-hand side of the Fig. 6.
However, one can observe here some differences between
the respective patterns of various samples, which reflect
variations in the extent of lamellae fragmentation and
their final orientation with increasing molecular weight.
This indicates that the details of the final lamellar struc-
ture depend on the properties of the amorphous compo-
nent that influences both the fragmentation (through the
number of tie-molecules, which produce stress concen-
trations leading to slip localization and finally fragmen-
tation of lamellae) and the strain recovery behavior — the
presented patterns were recorded after sample unload-
ing, so that they reflect the orientation of lamellae ini-
tially gained upon deformation, yet that orientation was
modified by lamellae back-rotations due to reversing in-
terlamellar shear that occurred during the post-deforma-
tion recovery stage. The amount of that recovery is con-
trolled by the effective density of the molecular network
in the sample, which depends on molecular mass and
crystallization conditions (identical for all samples) [32].
Figure 7 compares the evolution of the 2D-SAXS pat-
terns with strain for two samples of the same linear PE
(M, =170 000), one of which was crosslinked by irradiation
in the solid state prior to deformation. That crosslinking in-
creased the effective network density in amorphous com-
ponent from about 3.7 - 10% m? to 5.7 - 10 m? [38], while
left the crystalline phase not affected, so that the crystalline
structure, including the overall crystallinity, was practically
identical in both materials. Comparison of the patterns pre-
sented in Fig. 7 demonstrates that the deformation habits of
crystalline lamellae were nearly the same in both samples
— for a given strain the respective pattern of both samples
demonstrate very similar features and differ each from the
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Fig. 6. 2D-SAXS pattern determined for linear PE homopolymers
of various molecular mass (H-1: M, =56 000; H-4: M_ =170 000;
H-5: M = 480 000; U-1: M_ = 6 000 000), deformed to ¢, = 2, at
T = 80 °C; left-hand side column presents CD view and right-
-hand side column LD view (according to [36]; the cartoon on the
right side illustrates schematically the lamellar structure)

other only in fine details. This means that the same structur-
al transformations (as e.g, kinking and lamellae fragmenta-
tion) occurred at nearly the same level of strain in both sam-
ples, irrespective of the topology of the amorphous phase
and the network density. This indicates that they were con-
trolled primarily by the deformation of crystalline phase
and the dependence on topology of the amorphous phase
is minor compared to the properties of crystals.

At high strains, well above ¢, =1, the large deformation
of the amorphous phase by interlamellar shear accompa-
nying deformation of crystalline phase leads to very high
molecular orientation. Segments of macromolecules be-
tween the nodes of the molecular network become almost
completely stretched and significantly ordered lognitu-
dinally. At this point a widespread joint structural rear-
rangements begin, especially in polymers of relatively low
and moderate molecular mass, in which lamellae are less
constrained [11]. The taut tie-molecules generate stress
concentrations on lamellae surfaces, which together with
slip instabilities lead to strong slip localization. As a con-
sequence, lamellae undergo splitting and heavy fragmen-
tation into smaller blocks, while the interface undergoes
intense movements between crystalline and amorphous
component. This includes incorporation of some tie-mole-
cules into crystallites and transfer of some fraction of the
crystalline material into the ordered fraction of the amor-
phous phase. During such rearrangements the interfaces

H-0 - CD view H-200 - CD view | LD view

B0
2 92

er=0.5

LD view

P ¥
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><

Fig.7.2D-SAXS patterns obtained for HD-PE (M, =170 000): the
virgin sample H-0 (not crosslinked, left panel) and crosslinked
H-200 (200 kGy dose, right panel), compressed to indicated ¢,
value; for every sample two patterns are presented: sample illu-
minated along the CD or LD directions; the flow direction (FD)
is vertical in all patterns (reproduced from reference [49] with
permission of Elsevier© 2016)

become diffuse, while the amorphous phase becomes ex-
tremely oriented and ordered [1, 52, 53]. Detailed struc-
tural studies using X-ray methods demonstrated that in
highly deformed linear PE (¢, = 1.8) the amorphous phase
in interlamellar layers reaches a clear ordering of the close-
-packing quasi-hexagonal type [53]. The distance between
the oriented chain segments is similar to those typical
in orthorhombic crystal structure of PE, characteristic of
the surrounding crystallites. Oriented and well-ordered
amorphous phase differs from the oriented crystalline
phase practically only in the lack of a full in-register order-
ing of chains along the direction of orientation. Such very
high order allows amorphous domains to become capable
of transmitting the chain slip from one crystallite to anoth-
er — dislocations can probably move from one crystallite to
another through the “structured” amorphous phase [1, 54].

EROSION OF THE MOLECULAR NETWORK
Large deformation of the amorphous layers and do-

mains leads also to a partial destruction (erosion) of the
molecular network [23, 32, 36, 49], primarily by the dis-
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sociation of links created by the entangled chains (disen-
tangling). Scission of chains is a marginal process — deta-
iled gel permeation chromatography (GPC) and Fourier
transform infrared spectroscopy (FT-IR) studies of linear
PE deformed in compression demonstrated that less than
1 chain scission per 1000 average chains occurred when
&, reached the high value of 2 [49]. The network erosion
phenomena occur at relatively high and quickly incre-
asing stress in the range of strain hardening of a polymer,
above ¢, 0f 1 [49]. As a result of the gradual destruction of
the network a growing part of the deformation becomes
irreversible, so that a ‘memory’ of the polymer of the ini-
tial state is erased: the deformed sample is no longer able
to return close to its original shape even after heating
above the melting point of the crystalline phase. This be-
havior is illustrated in Fig. 8 that presents the residual
strain left in the HD-PE samples, raw and crosslinked,
after their compression to various ¢, up to 2, followed
by recovery at temperature of 145 °C, i.e.,, above T of PE
crystals. It can be seen that all samples, deformed initial-
ly to the applied ¢, below 1, recovered completely, irre-
spective of the crosslinking degree. On the other hand,
for samples deformed to ¢, > 1 the permanent, non-reco-
verable residual strain was observed, but only in pristine
samples that have not been crosslinked, thus consisting
of only entangled chains in amorphous phase, whereas
all crosslinked samples, containing significant fraction
of permanent chemical crosslinks were still able to re-
cover fully to the initial state. The finite residual strain
left in the raw, not-crosslinked sample after melting the
crystalline skeleton indicates that the molecular network
in the amorphous component had to be partially destroy-
ed, which allowed an irreversible plastic flow irreversibly
upon deformation. On contrary, the chemical network in
all crosslinked samples appeared robust enough to pre-
vent any irreversible flow. As already said the primary
mechanism of the network erosion is chain disentangle-
ment, not their scission.
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Fig. 8. The dependence of the residual true strain (¢, ) on ap-

Tres
plied true strain (¢, ) for PE samples of different crosslinking
degree deformed by plane-strain compression at room tempera-

ture and then recovered at 145 °C by 30 min (according to [49])

INFLUENCE OF NETWORK PROPERTIES ON
LAMELLAE FRAGMENTATION PHENOMENA

To learn more how the properties of amorphous phase
can influence deformation of crystalline phase, especial-
ly the two structural transitions related to lamellae frag-
mentation: lamellae kinking and a widespread fragmen-
tation, it is worth to compare deformation behavior of
samples that differ each from the other only in properties
of the amorphous phase, while crystalline phase being
essentially the same. Such samples can be prepared for
example by radiation crosslinking in the solid state. That
treatment increases the network density in the amorpho-
us phase by introduction of chemical crosslinks, while
the crystalline phase remains intact [38] and is practically
identical in the modified and reference material. Samples
of linear PE (M, =170 000) modified in this way were stu-
died. It was estimated that crosslinking increased the ef-
fective network density in amorphous component from
about 3.7 - 10%* m= up to 5.7 - 10?* m™ with radiation dose
increasing from 0 to 200 kGy [38].

An evolution of the 2D-SAXS patterns with strain, re-
flecting formation of the oriented lamellar structure in
such samples was presented in Fig. 7 of the previous sec-
tion. It can be observed that the same structural transfor-
mations — lamellae kinking above &= 0.5 giving rise to
the 4-point pattern in the CD-view pattern and gradual
fragmentation of lamellae producing a new long period
along the flow direction, seen in both CD- and LD-view
patterns, at €, > 1 — occurred practically at the same level
of strain, irrespective of the topology of the amorpho-
us phase and the effective network density. For a given
strain the respective patterns of the raw and crosslinked
samples show basically the same features and differ only
in fine details. This suggests that the orientation habits
of lamellae are controlled generally by the deformation
of crystalline phase, and depend probably much less on
topology of the amorphous phase. The similar orienta-
tion behavior of the crystalline phase can additionally
support the view that the clear differences in mechanical
response, which were observed in the strain hardening
range of samples of various level of crosslinking, are re-
lated to deformation of the amorphous phase rather than
crystalline component.

Closer examination of the SAXS patterns reveals fine
differences appearing with increasing network density as
it is presented in Fig. 9. Figure presents the patterns obta-
ined for samples of different network density (crosslinked
with the dose of 0, 50, 100 or 200 kGy) deformed to two
particular strains: €= 0.5, which is close to the kinking/
fragmentation transformation (point C of the Strobl’s de-
formation scheme at ¢, =0.6) and ¢, =1.5 (well within the
range of heavy fragmentation of lamellae, starting aro-
und e, =1 - point D of the Strobl’s scheme). Comparison
of the SAXS patterns of samples of various crosslinking
obtained at ¢, = 0.5 suggests that the effect of increasing
network density is perhaps a little earlier kinking (in con-



POLIMERY 2017, 62, nr 11-12

797

Fig. 9. 2D-SAXS patterns obtained for samples of HD-PE
(M, =170 000) crosslinked with electron beam at different doses
(for every sample two patterns are presented: sample illuminat-
ed along the CD or LD directions, FD is vertical in all patterns),
as indicated and deformed in the plane strain compression to &
value: a) 0.5, b) 1.5

T

trast to raw and slightly crosslinked samples, the SAXS
patterns of highly crosslinked samples, radiated with the
dose of 100 and 200 kGy, show an emerging 4-point si-
gnature, characteristic for kinking). Comparison of SAXS
patterns of samples deformed to &= 1.5 revealed in turn
a stronger fragmentation of the lamella structure in cros-
slinked samples (increasing signal of new long period
emerging along LD in expense of 4-point signature ten-
ding to fade away). The notion of stronger lamellae frag-
mentation in crosslinked material is supported by DSC
results that demonstrate significantly stronger reduction
of crystallinity in highly deformed crosslinked samples
than in the pristine material deformed to the same strain
[49]. The heavier lamellae fragmentation in the crosslin-
ked material can be understood easily if one recall that
increased network density results in higher stress genera-
ted by the network, which facilitates earlier slip localiza-
tion and easier fragmentation of lamellae. The molecular
network containing numerous solid chemical crosslinks
cannot relax this high stress through disentanglement, as
does the network of entangled chains (see previous sec-
tion) and the very high stress is transmitted to neighbo-
ring crystals making their fragmentation easier.

Another possibility of easy modification of the mole-
cular network in amorphous layers is by adding to the
polymer a diluent of lower molecular weight. That dilu-

ent molecules have not evaporate out of the sample wi-
thin experimental timescale and must remain solely in
the amorphous phase (i.e., do not co-crystallize, and be
rejected by growing crystallites to the amorphous surro-
unding upon material solidification). Then, the presence
of such diluent results in some reduction of the number
of mutual entanglements of polymer chains in amorpho-
us phase, while it nearly does not affect the crystalline
phase. One can expect also in such a system a lower con-
nectivity between phases, i.e., fewer tie-molecules. One
of possible systems demonstrating such properties is,
e.g., linear PE mixed with small amount of paraffin oil or
wax (below the level of any phase separation phenome-
na). Preliminary deformation experiments of the blend
of HD-PE (M =70 000) with 6 wt % of paraffin wax de-
monstrated that PE crystals grow a little thinner in the
blend than in plain HD-PE (reduction of T by about 1 °C)
and the crystallinity of PE component is slightly reduced
(68 vs. 70 wt %), while wax does not contribute to crystal-
line phase and remains molecularly dispersed in amor-
phous phase. As a result the blend shows slightly lower
stiffness and yield strength than the plain material. The
presence of wax molecules in amorphous phase leads to
reduced entanglement density and lower phase connec-
tivity, which results in a weaker strain hardening of the
blend and less recovery of the strain after deformation
than of plain HD-PE. As demonstrated by 2D-SAXS stu-
dies a lower entanglement density and connectivity be-
tween phases in blends than in plain HD-PE results also
in some changes in kinking and lamellae fragmentation
upon deformation. The 2D-SAXS patterns of plain HD-PE
and the blend with paraffin wax are shown in Fig. 10 for
¢, increasing from 0.4 to 1.75. Comparing the respective
patterns of plain HD-PE and the blend one can find out
that lamellar kinks in the blend seem to form easier than
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Fig. 10. 2D-SAXS patterns obtained for samples (for every sam-

ple two patterns are presented: sample illuminated along the
CD or LD directions, FD is vertical in all patterns) deformed in
the plane-strain compression to indicated ¢, value for: a) plain
HD-PE of M, =70 000, b) the blend of HD-PE with 6 wt % of
paraffin wax
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in plain HD-PE; their 4-point signature can be detected
in the blend at slightly lower strains than in plain PE.
This result was not expected for blend samples that were
anticipated to have lower phase connectivity than plain
HD-PE. However, it can be explained that when the pha-
se connectivity is reduced only moderately (not lost com-
pletely), roughly the same stress generated within amor-
phous phase must be transmitted across the interface by
fewer chains, which apparently leads to stronger stress
concentrations at the surface of the lamellae, which in
turn results in more slip instabilities and consequently
easier kinking in the blend than in the plain HD-PE.

A second observation is that the new long period along
FD related to heavy fragmentation of lamellae emerges
later while the scattering related to it is less intense in the
blend than in plain PE. This indicates a less intense frag-
mentation of lamellae in the blend than in plain HD-PE at
high strains above ¢, = 1. That less advanced fragmenta-
tion in the blend is probably related to the lower network
stress generated within amorphous phase of lower entan-
glement density. The lower network stress results in the
less intense fragmentation than in plain HD-PE.

CONCLUSIONS

The results discussed in this report demonstrate that the
plastic deformation of a semicrystalline polymer is a com-
plex series of continuous processes, involving mostly cry-
stallographic deformation mechanisms. However, a very
important role in the sequence is played by the deforma-
tion of amorphous interlamellar layers, partially reversible
on unloading, which produces not only high orientation
of amorphous component but also influences deeply the
deformation of crystalline phase since crystalline lamellae
and amorphous interlamellar layers, intimately connected
through covalent bonds of chains crossing the interface,
must deform simultaneously and consistently.

At low strains the deformation process is governed by
the crystalline phase, while amorphous layers merely ad-
just themselves to the deforming crystals and substitute
slip systems lacking in crystals, which helps in full strain
accommodation. In the more advanced deformation stages,
including the strain hardening, the control comes however,
to the amorphous phase due to strongly increasing mole-
cular network stress. This stress depends on the network
density that in turn is controlled by topology of amorphous
phase, including chain entanglements and chain immobili-
zed at interfaces, providing physical crosslinks.

As the stress is transmitted between amorphous phase
and crystallites primarily through chains that cross the
interface and physically connect both phases, the stress
concentrations are generated around the points of cros-
sing the interface. When the segments of such chains be-
longing to amorphous phase become stretched due to
advancing deformation the stress concentrations grow,
which eventually leads to local instabilities of deforma-
tion of crystals that result in lamellar kinks and later

in fragmentation of lamellae into smaller blocks. These
transformations allow further deformation to proceed
along easier deformation path and lead to formation of
the final highly oriented structure.

Hyperelasticity of the molecular network in the amor-
phous layers causes partial strain recovery upon unlo-
ading by reversed interlamellar shear. This results in
partial loss of high orientation, also of crystalline pha-
se. The molecular network remains unaltered up to the
true strain of approximately ¢, = 1. Above it, in the strain
hardening range, the quickly increasing network stress
and partial release of constraints due to heavy fragmen-
tation of lamellae lead to a gradual erosion of the network
through chain disentanglements. This results in perma-
nent plastic flow within amorphous layers. Consequen-
tly, a part of the strain becomes truly irreversible, even
after melting of the crystalline phase.

This project was financed from the funds of the National
Science Centre, Poland, on the basis of the decisions number
DEC-2014/15/B/ST8/04306.

REFERENCES

[1] Oleinik E.E.: Polymer Science C 2003, 45 (1), 17.

[2] Wunderlich B.: “Macromolecular Physics, Volume 1:
Crystal Structure, Morphology, Defects”, Academic
Press, New York 1973.

[3] Khoury F, Passaglia E.: “The Morphology of Crystal-
line Synthetic Polymers” in “Treatise on Solid State
Chemistry” (Ed. Hannay N.B.), Plenum Press, New
York 1976, pp. 336-496.
http://dx.doi.org/10.1007/978-1-4684-2664-9_6

[4] Hoffman ].D. Miller R.L.: Polymer 1997, 38, 3151.
http://dx.doi.org/10.1016/S0032-3861(97)00071-2

[5] Thomas C., Ferreiro V., Coulon G., Seguela R.: Poly-
mer 2007, 48, 6041.
http://dx.doi.org/10.1016/j.polymer.2007.07.062

[6] Lee BJ., Argon A.S. Parks D.M. et al.: Polymer 1993,
34 (17), 3555.
http://dx.doi.org/10.1016/0032-3861(93)90039-D

[7]1 Lee BJ., Parks D.M., Ahzi S.: Journal of Mechanics and
Physics of Solids 1993, 41, 1651.
http://dx.doi.org/10.1016/0022-5096(93)90018-B

[8] Bowden P.B., Young R.J.: Journal of Material Science
1974, 9, 2034. http://dx.doi.org/10.1007/BF00540553

[9] Haudin J.M.: “Plastic Deformation of Amorphous
and Semi-crystalline Materials” (Ed. Escaig B., G'Sell
C), Les Editions de Physique, Paris 1982, p. 291.

[10] Lin L., Argon A.S.: Journal of Material Science 1994,
29, 294. http://dx.doi.org/10.1007/BF01162485

[11] Bartczak Z., Galeski A.. Macromolecular Symposia
2010, 294 (1), 67.
http://dx.doi.org/10.1002/masy.201050807

[12] Argon A.S.: “The Physics of Deformation and Frac-
ture of Polymers”, Cambridge University Press,
Cambridge 2013.


http://dx.doi.org/10.1007/978-1-4684-2664-9_6
http://dx.doi.org/10.1016/S0032-3861(97)00071-2
http://dx.doi.org/10.1016/j.polymer.2007.07.062
http://dx.doi.org/10.1016/0032-3861(93)90039-D
http://dx.doi.org/10.1016/0022-5096(93)90018-B
http://dx.doi.org/10.1007/BF00540553
http://dx.doi.org/10.1007/BF01162485
http://dx.doi.org/10.1002/masy.201050807

POLIMERY 2017, 62, nr 11-12

799

[13] Michler G.H., Balta-Calleja F.J.: “Nano- and Micro-
mechanics of Polymers”, Carl Hanser Verlag, Mu-
nich 2012.

[14] Peterlin A.: Journal of Material Science 1971, 6, 490.
http://dx.doi.org/10.1007/BF00550305

[15] Peterlin A.: “Encyclopedia of Polymer Science and
Engineering” (Ed. Mark H.F.,, Bikales N.M., Over-
berger C.G., Menges G., Kroschwitz J.I), Wiley, New
York 1987, pp. 72-94.

[16] Flory PJ.,, Yoon D.Y.: Nature 1978, 272, 226.
http://dx.doi.org/10.1038/272226a0

[17] Gent A.N., Madan S.: Journal of Polymer Science Part B:
Polymer Physics 1989, 27, 1529.
http://dx.doi.org/10.1002/polb.1989.090270713

[18] Young R.J.: Philosophical Magazine 1976, 30, 85.
http://dx.doi.org/10.1080/14786439808206535

[19] Galeski A., Bartczak Z. Argon A.S., Cohen R.E.:
Macromolecules 1992, 25, 5705.
http://dx.doi.org/10.1021/ma00047a023

[20] Seguela R.: Journal of Polymer Science Part B: Polymer
Physics 2002, 40, 593.
http://dx.doi.org/10.1002/polb.10118

[21] Seguela R.: e-Polymers 2007, 032, 1.

[22] Haward R.N., Young R.J.: “The Physics of Glassy Poly-
mers. 2nd edition”, Chapman & Hall, London 1997.

[23] Bartczak Z., Kozanecki M.: Polymer 2005, 46, 8210.
http://dx.doi.org/10.1016/j.polymer.2005.06.100

[24] Pawlak A., Galeski A.: Macromolecules 2005, 38, 9688.
http://dx.doi.org/10.1021/ma0508420

[25] Pawlak A., Galeski A., Rozanski A.: Progress in Poly-
mer Science 2014, 39 (5), 921.
https://doi.org/10.1016/j.progpolymsci.2013.10.007

[26] Parks D.M., Ahzi S.: Journal of the Mechanics and Phys-
ics of Solids 1990, 38, 701.
http://dx.doi.org/10.1016/0022-5096(90)90029-4

[27] Bartczak Z., Argon A.S., Cohen R.E.: Macromolecules
1992, 25, 5036.
http://dx.doi.org/10.1021/ma00045a034

[28] Young R.J., Bowden P.B., Ritchie J. et al.: Journal of Ma-
terial Science 1973, 8, 23.
http://dx.doi.org/10.1007/BF00755579

[29] Hiss R., Hobeika S., Lynn C., Strobl G.: Macromole-
cules 1999, 32, 4390.
http://dx.doi.org/10.1021/ma981776b

[30] Hobeika S., Men Y., Strobl G.: Macromolecules 2000,
33 (5), 1827. http://dx.doi.org/10.1021/ma9910484

[31] Hong K., Strobl G.: Macromolecules 2006, 39, 268.
http://dx.doi.org/10.1021/ma0517260

[32] Bartczak Z.: Polymer 2005, 46 (23), 10 339.
http://dx.doi.org/10.1016/j.polymer.2005.07.096

[33] Bartczak Z.: Macromolecules 2005, 38, 7702.
http://dx.doi.org/10.1021/ma050815y

[34] Krumova M., Henning S., Michler G.H.: Philosophical
Magazine 2006, 86 (12), 1689.
http://dx.doi.org/10.1080/14786430500501671

[35] Galeski A., Bartczak Z., Kazmierczak T., Slouf M.:
Polymer 2010, 51, 5780.
http://dx.doi.org/10.1016/j.polymer.2010.10.004

[36] Bartczak Z., Lezak E.: Polymer 2005, 46 (16), 6050.
http://dx.doi.org/10.1016/j.polymer.2005.04.092

[37] Brooks N.W.J., Mukhtar M.: Polymer 2000, 41, 1475.
http://dx.doi.org/10.1016/S0032-3861(99)00362-6

[38] Bartczak Z.: European Polymer Journal 2012, 48 (12),
2019. http://dx.doi.org/10.1016/j.eurpolymj.2012.09.006

[39] Men Y., Strobl G.: Journal of Macromolecular Science B
— Physics 2001, 40 (5), 775.
http://dx.doi.org/10.1081/mb-100107561

[40] Al-Hussein M., Strobl G.: Macromolecules 2002, 35
(22), 8515.
http://dx.doi.org/10.1021/ma020831k

[41] Fu Q. Men Y., Strobl G.: Polymer 2003, 44, 1927.
http://dx.doi.org/10.1016/S0032-3861(02)00940-0

[42] Fu Q. Men Y., Strobl G.: Polymer 2003, 44, 1941.
http://dx.doi.org/10.1016/50032-3861(03)00036-3

[43] Hong K., Rastogi A., Strobl G.: Macromolecules 2004,
37 (26), 10 165.
http://dx.doi.org/10.1021/ma049174h

[44] Hong K., Rastogi A., Strobl G.: Macromolecules 2004,
37 (26), 10 174.
http://dx.doi.org/10.1021/ma049172x

[45] Na B., Zhang Q., Fu Q. et al.: Macromolecules 2006, 39
(7), 2584.
http://dx.doi.org/10.1021/ma052496g

[46] Lezak E. Bartczak Z.: Journal of Applied Polymer
Science 2007, 105 (1), 14.
http://dx.doi.org/10.1002/app.26011

[47] Bartczak Z.: Journal of Polymer Science Part B: Polymer
Physics 2010, 48 (3), 276.
http://dx.doi.org/10.1002/polb.21873

[48] Bartczak Z., Beris PE.M., Wasilewski K. et al.: Journal
of Applied Polymer Science 2012, 125 (6), 4155.
http://dx.doi.org/10.1002/app.36595

[49] Bartczak Z., Grala M., Richaud E., Gadzinowska K.:
Polymer 2016, 99, 552.
http://dx.doi.org/10.1016/j.polymer.2016.07.068

[50] Bartczak Z., Cohen R.E., Argon A.S.: Macromoecules
1992, 25, 4692.
http://dx.doi.org/10.1021/ma00044a034

[51] Young R.J., Bowden P.B.: Journal of Materials Science
1973, 8 (8), 1177.
http://dx.doi.org/10.1007/bf00632770

[52] Schonherr H., Vancso G.J., Argon A.S.: Polymer 1995,
36, 2115.
http://dx.doi.org/10.1016/0032-3861(95)95286-A

[53] Bartczak Z., Galeski A., Argon A.S., Cohen R.E.: Poly-
mer 1996, 37 (11), 2113.
http://dx.doi.org/10.1016/0032-3861(96)85856-3

[54] Lin L., Argon A.S.: Macromolecules 1994, 27, 6903.
http://dx.doi.org/10.1021/ma00101a031

Received 16 I11 2017.


http://dx.doi.org/10.1007/BF00550305
http://dx.doi.org/10.1038/272226a0
http://dx.doi.org/10.1002/polb.1989.090270713
http://dx.doi.org/10.1080/14786439808206535
http://dx.doi.org/10.1021/ma00047a023
http://dx.doi.org/10.1002/polb.10118
http://dx.doi.org/10.1016/j.polymer.2005.06.100
http://dx.doi.org/10.1021/ma050842o
https://doi.org/10.1016/j.progpolymsci.2013.10.007
http://dx.doi.org/10.1016/0022-5096(90)90029-4
http://dx.doi.org/10.1021/ma00045a034
http://dx.doi.org/10.1007/BF00755579
http://dx.doi.org/10.1021/ma981776b
http://dx.doi.org/10.1021/ma9910484
http://dx.doi.org/10.1021/ma051726o
http://dx.doi.org/10.1016/j.polymer.2005.07.096
http://dx.doi.org/10.1021/ma050815y
http://dx.doi.org/10.1080/14786430500501671
http://dx.doi.org/10.1016/j.polymer.2010.10.004
http://dx.doi.org/10.1016/j.polymer.2005.04.092
http://dx.doi.org/10.1016/S0032-3861(99)00362-6
http://dx.doi.org/10.1016/j.eurpolymj.2012.09.006
http://dx.doi.org/10.1081/mb-100107561
http://dx.doi.org/10.1021/ma020831k
http://dx.doi.org/10.1016/S0032-3861(02)00940-0
http://dx.doi.org/10.1016/S0032-3861(03)00036-3
http://dx.doi.org/10.1021/ma049174h
https://doi.org/10.1021/ma049172x
http://dx.doi.org/10.1021/ma052496g
http://dx.doi.org/10.1002/app.26011
http://dx.doi.org/10.1002/polb.21873
http://dx.doi.org/10.1002/app.36595
http://dx.doi.org/10.1016/j.polymer.2016.07.068
http://dx.doi.org/10.1021/ma00044a034
http://dx.doi.org/10.1007/bf00632770
http://dx.doi.org/10.1016/0032-3861(95)95286-A
http://dx.doi.org/10.1016/0032-3861(96)85856-3

